The morphologies associated with the self-assembly of molecules have long been of interest in material science. 2 Block copolymers are well-known examples of self-assembling, amphiphilic systems 3 that are composed of chemically distinct and usually immiscible polymer blocks. From both fundamental 4, 5 and applied 6, 7 points of view, block copolymers have attracted interest due to their ability to form ordered morphologies with characteristic dimensions in the range of 10-100 nm, dimensions that are hard to achieve by conventional, top-down technologies such as photolithography or extrusion. In bulk, A/B diblock copolymers form periodic morphologies comprised of lamellae, bicontinuous cubic double gyroids, hexagonally packed cylinders or body-centered-cubic (bcc) packed spheres, depending on the copolymer molecular weight, the volumetric compositions of each polymer block and the interactions between respective monomers. When self-assembly is confined on a length scale comparable to the characteristic period of the copolymer domains, interesting new morphologies can be realized. In block copolymer thin films, the confinement effects and boundary conditions have been shown to result in either a higher degree of ordering of the phases, a change of the fundamental repeat period, or a shift of the phase boundaries between different morphologies. 8 Additionally, external fields such as flow fields 9 or electrical fields 10 and lithographically defined templates [11] [12] [13] can be used to direct the block copolymer self-assembly to achieve long range order.
Novel structures have been found to arise when block copolymers are confined in nonplanar geometries with diameter (D) up to an order of magnitude larger than the bulk period (L 0 ) of the copolymer. [14] [15] [16] In particular, cylindrical confinement has been studied both theoretically [17] [18] [19] [20] [21] [22] [23] and experimentally [24] [25] [26] [27] [28] in this regard. For example, a concentric lamellar structure resembling the common myelin figure 29 that arises from the unconstrained self-assembly of smectic liquid crystals in water was also observed recently by Russell et al.
for a lamella-forming block copolymer that was confined in the cylindrical nanopores of an alumina membrane. 24 The concentric lamellar morphology can be identified as a smectic A structure with a s = +1 disclination defect line running along the cylinder axis. 30 The same morphology was subsequently achieved in continuous fibers using a two-fluid, coaxial electrospinning technique, followed by thermal annealing of the fibers in which the block copolymer core self-assembles into the concentric lamellar morphology under the confinement of a rigid shell component. 31, 32 The continuous, filamentary nature of the electrospun, annealed fibers is novel and significant, from both science and engineering perspectives, as it offers the only form to date in which long range order along the axis of confinement is possible. By this process, continuous fibers can be produced at rates on the order of 0.1 g (10 6 meters) of fiber per hour per jet, and the process is readily scalable to multiple jets. However, the persistence of flow-induced defects and lack of long range order in the early reports 31, 32 precluded a detailed understanding of the underlying physics of self-assembly under cylindrical confinement. Similarly, the porous alumina process produces only relatively short (~ 5 µm) nanorods, by which it is impossible to observe any phenomena with a length scale longer than the rod length, and has resulted so far in materials for which it has not been possible to quantify variations in domain sizes with radial position, or even whether such domains should be larger or smaller than those in the unconfined bulk lamellar morphology. 24, 28 This is in contradiction to simulations that predict domain sizes to vary with both pore size and radial position within the pore. 19, 21 The characterization of defects that perturb such morphologies is largely unexplored territory. Realization of the considerable potential for application of structured nanofibers in areas such as photonics, drug delivery and energy is contingent upon the availability of continuous fibers with uninterrupted, long range order over substantial distances and precise understanding and control of these domain sizes. 33 Here, we provide evidence for continuous block copolymer nanofibers with concentric lamellar structure and long range order, and resolve some of the critical issues mentioned above through the most quantitative analysis to date of domain sizes and defect formation along the fiber axis. We show that the lamellar structure confined in fibers differs significantly from that observed in the unconfined (i.e. bulk) lamellar morphology or that arising under confinement in thin planar films. 34 In fibers, the morphology in the radial direction is not longer strictly periodic; instead, the domains vary significantly in size, with the outer domains being slightly smaller than the bulk value and the central domain being much larger. These observations are explained by the increase in interfacial energy arising from the increased curvature of the domains near the fiber axis, which leads in turn to a decrease in the interfacial chain density. A unique type of defect, a radial edge dislocation loop, is identified as the main mechanism by which the number of block copolymer domains changes to accommodate variations in the fiber diameter.
Fibers were obtained by co-axial electrospinning of a poly(styrene-b-dimethylsiloxane) (PS-PDMS) block copolymer as the core component and a poly(methacrylic acid) (PMAA) homopolymer as the shell, followed by annealing at 160 °C for 10 days under vacuum. The PS-PDMS copolymer forms a lamellar morphology in bulk with a period (L 0 ) of 56 nm, as determined by small angle X-ray scattering (SAXS).
A mat composed of the PS-PDMS/PMAA core/shell electrospun fibers is shown in Fig.  1a , b. Long continuous fibers of PS-PDMS ( Fig. 1c ) can be easily produced by removal of the PMAA shell using methanol as the selective solvent. The average diameter of the as-spun core/shell fibers is 800±150 nm, while that of the PS-PDMS core fibers is 300±220 nm (~ 1-10 L 0 ) after removal of the shell. The variations of fiber diameter occur over runs of fiber on the order of 1-10 cm in length, roughly five orders of magnitude greater than the diameters themselves, and are thus extremely gradual in the axial direction; as discussed later, this is consistent with the sparseness of dislocation defects along the length of the fiber. A well-defined concentric lamellar structure is formed within the fiber core after annealing, as shown by Fig. 1d-f . Fig. 1e also shows that the PS block preferentially segregates to the core/shell interface with PMAA due to its lower Flory interaction parameter (χ PS/PMAA =0.14 at 160 °C) compared to that of PDMS with PMAA (χ PDMS/PMAA =0.72 at 160 °C). 35 As expected, this outermost PS is a monolayer and is approximately half as thick as the inner PS domains, which are bilayers. Some control over the morphology of the fibers can be exerted by tailoring the interactions between the shell material and the polymer blocks. (See Fig. S1 in Supporting Information for one example.)
To understand quantitatively the effect of confinement on the concentric lamellar structure, we first show how the total number of bilayers (N) varies as a function of the diameter (D) of the PS-PDMS core, as illustrated in Fig. 2 . D/N is the average thickness of a complete bilayer of PS and PDMS. The degree of confinement can be expressed in terms of the ratio, D/L 0 ; a smaller D/L 0 corresponds to a greater degree of confinement. As D increases, N increases in a discrete manner. However, N is not determined uniquely by D/L 0 ; different numbers of bilayers may be observed at the same degree of confinement (e.g N = 6 or 7 for D/L 0 ~ 6.5). Similarly, for a given N, a range of PS-PDMS core diameters (D) may be observed. For fibers with D/L 0 > 5, the values of D/N are distributed more or less statistically about the bulk value L 0 , which may explain why previous works 19, 24, 28 have reported domains that may be either compressed or expanded relative to bulk. However, for the smaller diameter fibers, where confinement is greatest (D/L 0 < 5), the data fall predominantly below the line, indicating that these domains are significantly expanded relative to bulk. This trend points to a systematic deviation of the domain size from the average. In this respect, the concentric lamellar morphology differs qualitatively from that observed in thin films.
To explore this systematic deviation more closely, we show in Fig The reason for the difference in size of the central and outer domains can be understood as follows. We treat the PS-PDMS block copolymer chain very simply as comprising two strongly segregated brushes, A and B, of equal length, joined together at the AB interface (IMDS; see Fig. 3b ) so that the bulk domain size for each block is L 0 /2. In bulk, equating the number of copolymer blocks within a domain bounded by two successive AB interfaces with the number of copolymer chains crossing each of the two interfaces (of equal area) leads to the following equation,
where L 0 , s 0 and ρ 0 are the bulk period (i.e. the thickness of an AB bilayer), interfacial chain density (number of chains per unit interfacial area) and packing density (number of chains per unit volume), respectively. Applying a similar conservation of the number of polymer blocks per unit length of fiber to the central domain and outer cylindrical shells depicted in Fig. 3b , we obtain
for the central domain and
for the outer domains. s i is the interfacial chain density at the i th interface counting from the center of the fiber (c.f. Fig. 3b ). In the two equations above, the polymer is assumed to have the same packing density in the fibers as in bulk; the compressibilities of PS and PDMS are approximately 2×10 -10 Pa -1 and 6×10 -10 Pa -1 , respectively, rendering them essentially incompressible under these conditions. 37
Equations (1) to (3) show that the domain sizes are related to the interfacial chain densities. We consider two limiting cases for where the interfacial chain density is assumed to be equivalent to that in the bulk copolymer, due to the increased curvature required of the first IMDS. The set of experimental values observed for the size of the central domain ( Fig. 3a ) lies between the bulk value, d 1 = 1, and d 1 = 2 obtained for the case of bulk copolymer interfacial chain density, and can be explained simply as a consequence of the variation of the overall fiber diameter and the trade-off between the reduced conformational entropy due to space-filling and curvature, and increased interfacial energy due to depletion of block junctions. This is similar to the case of bulk block copolymer, where the balance between the chain entropy and interfacial energy has been used to estimate the lamellar period in the strong segregation regime. 38 This interpretation is also consistent with the classical theory of curvature elasticity of block copolymer monolayers, in which increased curvature leads to an increase in the interfacial area per chain, or decrease in the interfacial chain density, compared to the bulk copolymer. 39, 40 For the outer domains, the model suggests that the domain sizes assume the bulk value if Based on this, several important observations can be made. First, for a given number of domains, as the diameter D of the core fiber undulates very gradually along the length of a fiber (e.g. as indicated by the arrow in Fig. 4a ), the small variations in diameter are absorbed almost entirely by the central domain, while the thicknesses of the outer domains stay approximately the same. This is evident in the plot in Fig. 3a , where the central domain is
shown to have a much larger variation in thickness than the outer ones. Second, when the diameter of the core fiber increases sufficiently, an additional domain inserts within the overly-expanded central domain to relax the unusually large stress experienced by that domain. This phenomenon is very similar to the formation of an edge dislocation in smectic A liquid crystals. 41 Taken in cross section (Fig. 4c) , the edge dislocation can be identified by the Burgers vector (b) oriented radially and orthogonal to the dislocation core tangent line vector (t); the dislocation core itself is curved, and describes a circumferential loop that closes upon itself. We call this a "radial edge dislocation loop". The fact that the direction of the Burgers vector of the dislocation varies is a consequence of the presence of the s = + 1 disclination line defect along the fiber axis. In the limit that the dislocation core is confined to the central domain, as shown in Fig. 4d , the loop itself is singular. This type of defect is expected to be energetically more favorable than the one in Fig. 4c because the dislocation loop is shorter in length and the associated excess strain energy should be less. Finally, and most importantly, the defect tends to be localized around the central domain-that is, all domains except the central one remain continuous without interruption over macroscopic length scales. Indeed, 1 µm long sections of defect-free fiber, where even the central domain is uninterrupted, are readily observed by TEM (Fig. 4e, f) , indicating that such defects are relatively rare. (See Fig. S4 for more images. Also see Fig. S5 for data on a second PS-PDMS block copolymer.) Based on frequency of observation and the slow modulation of fiber diameter, we estimate an average defect spacing along the fiber axis of about 1-3 µm in our fibers. This spacing can be modified through control of the block copolymer fiber core diameter during fabrication.
In summary, long continuous fibers having concentric lamellar morphology and long range order have been achieved by the fabrication of core-shell nanofibers, using two-fluid coaxial electrospinning, followed by confined self-assembly of a PS-PDMS block copolymer within the core. The cylindrical confining geometry is shown to alter the domain sizes of lamella-forming block copolymers in a way that is remarkably different from confined thin films, where the period is constant across the film thickness. In the cylindrical geometry, the central domain is always much (~ 40% in average) larger than the bulk value, yet smaller than the value estimated by assuming interfacial chain density equivalent to bulk; the outer domains are always slightly (< 10%) smaller than the bulk value. The thicknesses of both the central and outer domains can be explained by a reduction in interfacial chain density imposed by the curvature of the IMDS associated with the cylindrical geometry. The study also shows that radial edge dislocation loops may form to accommodate variations in the core fiber size, with the outer domains remaining continuous and ordered over long lengths of fiber; this long range order can be improved through tight control of fiber core size (e.g. by adjusting the solution properties and optimizing the operating parameters in electrospinning).
The availability of this new class of continuous nanofibers having coherent, long ranged order, and the results reported here, create numerous opportunities for further studies of both fundamental and practical nature. For example, there exists considerable freedom to control both the structural properties (e.g. domain sizes), by adjusting the molecular weight of the copolymer (Fig. S5) , and the chemical nature of the material by simply choosing different core diblock or shell homopolymer compositions (Fig. S1 ). These can in principle be used to modulate the stability and frequency of radial edge dislocation loops within the fibers.
Understanding and control of these aspects of self-assembly under cylindrical confinement could lead to a tremendous expansion above and beyond the current list of applications for continuous nanofibers 42, 43 . For example, long-range ordered fibers may be used for sustained and controllable drug release by loading multiple drugs selectively into different domains of the fibers. These fibers may also serve as low-loss optical waveguides by choosing domain components with high refractive index contrast.
Fig. 1. A multi-scale view of an electrospun block copolymer fiber mat. a, A macroscopic
image of the PS-PDMS/PMAA fiber mat (scale bar = 1 cm). b, Scanning electron microscopy (SEM) image of the as-spun core/shell fibers (scale bar = 10 µm). c, SEM image of the PS-PDMS core fibers after removal of the PMAA shell using methanol (same magnification as b). d, e, Cross sectional transmission electron microscopy (TEM) images of the fibers after annealing, showing the core/shell structure and concentric lamellar structure in the core; in e, the dark layers are identified to be PDMS due to its higher electron density, and the light layers are PS. The region surrounding the PS-PDMS core is the PMAA shell. f, A tilt TEM image of a PS-PDMS core, showing a 2D projection of the 3D concentric lamellar structure. Note that the outermost PS monolayer is not resolved in this image due to the lack of sufficient contrast between PS and PMAA in this case. 
